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Abstract The influence of morpho-
logy on the hydrolytic degradation
behavior of poly(L-lactide) has been
studied. High molecular weight and
highly crystalline as-polymerized
poly(L-lactide) was obtained in high
yields through melt polymerization.
Poly(L-lactide) fiber with a draw ratio
of 5.6 was obtained by hot-drawing
solution-spun fiber.

During the bulk degradation of
as-polymerized poly(L-lactide),
a rapid decrease of molecular weight
and tensile properties was observed.
This could be explained by the
morphology of the material and the
presence of thermal stresses and
subsequent generation of micro-
cracks. The lamellar crystallites in
as-polymerized poly(L-lactide)

appeared to be very stable towards
hydrolysis. The resorption time of
high molecular weight as-polymerized
poly(L-lactide) in vivo was estimated
at 40—50 yr by extrapolation of
molecular weight data.

Hot-drawn poly(L-lactide) fiber
showed exceptional hydrolytic
stability under a static load and
substantially retained its mechanical
properties over a period of more than
5 yr. The high perfection of the
crystalline fiber and the elimination of
micro-voids obtained by hot-drawing
prevented penetration of water and
induced surface erosion of the fiber.

Key words poly(L-lactide) — hydrolytic
degradation — morphology — crystal-
linity — hot-drawn

Introduction

Over the past two decades bioresorbable poly(lactide)s
have been studied extensively for their biomedical applica-
tions [1—11] and fracture fixation devices for the oral and
maxillofacial areas have been successfully applied in our
University [6—11]. To mimic as closely as possible the
mechanical properties of stainless steel and titanium, ini-
tially we focused on high strength high modulus materials.
High molecular weight and highly crystalline as-poly-
merized poly(L-lactide) (as-pol. PLLA or PLA100) showed
excellent tensile and impact properties [12]. Furthermore,
promising clinical results in mandibular and zygomatic

fracture fixation and in the repair of the orbital floor were
reported for as-pol. PLA100 [10, 11, 13]. From good
correlation between preliminary in vivo and in vitro degra-
dation data [5] as-pol. PLA100 was estimated to resorb in
3—4 yr. However, clinical follow-up after three years of
patients treated for a zygomatic fracture [14, 15] revealed
that highly crystalline remnants of as-pol. PLA100 were
still present.

Poly(lactide)s degrade by hydrolytic bulk degradation,
i.e. water penetrates the sample after which random hy-
drolytic scission of the polymer chains occurs throughout
the specimen. The in vivo and in vitro degradation of
poly(lactide)s is influenced by a number of intrinsic and
extrinsic factors, such as molecular weight, (stereo)
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copolymer composition, the presence of monomer and
catalyst residues [16] and the degradation medium and
temperature. Other biodegradable materials, such as
poly(anhydride)s [17] and poly(ortho ester)s [18] have
been reported to degrade by surface erosion, instead of
bulk degradation. In this case, hydrolytic attack is limited
to the outer layer of the implant while the bulk remains
virtually unaffected. The size of the implant decreases and
its mechanical properties vary with time in a predictable
fashion.

Another factor that might play an important role in the
hydrolytic degradation of as-pol. PLA100 is its character-
istic morphology which results from the melt (bulk)
polymerization. Until now the relationship between this
morphology and the above-mentioned factors has not
been widely studied.

By hot-drawing, a process of orientation at elevated
temperatures close to the melting temperature the mor-
phology of PLA100 can be altered drastically to give high
strength high modulus fibers, that can be applied as su-
tures. Generally, when placed under a load that is small
compared with its maximum strength a material will show
cracking under the influence of a non-solvent medium.

The aim of this paper is to investigate the influence of
morphology on the long-term in vitro and in vivo degra-
dation of as-pol. PLA100. In the second part of this paper
we would like to present some remarkable results from
long-term in vitro degradation of a hot-drawn PLA100
fiber placed under a static load.

Theoretical considerations

Crystallinity, heat of fusion and mass loss

The crystallinity s
#
of a polymeric material is expressed as

the ratio of the heat of fusion DH
&
and that of the pure

crystalline material DH0:

s
#
"DH

&
/DH0 . (1)

Crystalline and amorphous material do not necessarily
hydrolyze at an equal rate. At any degradation time t, the
mass of crystalline material m

#
(t) can be expressed as

m
#
(t)"s

#
(t)m(t)"(DH

&
(t)/DH0)m(t)

"(DH
&
(t)/DH0)m

0
(1!m

-
(t)) , (2)

where m
0

is the initial mass, m(t) the remaining mass and
m

-
(t)"1!m

0
/m

t
the mass loss. The amount of crystalline

material relative to the initial value m
#,0

is a function of
time:

m
#
(t)/m

#,0
"(DH

&
(t)/DD

&,0
) (1!m

-
(t)) (3)

with DH
&,0

the heat of fusion of the original material.

A constant m
#
(t)/m

#,0
with time (constant amount of

crystalline material m
#
(t)) indicates that only the amorph-

ous fraction degrades. An increasing m
#
(t)/m

#,0
points to

crystallization, but if m
#
(t)/m

#,0
decreases, the crystalline

material hydrolyzes.
Presenting DH

&
- and mass loss data according to

Eq. (3) distinguishes between crystallization and preferen-
tial solubilization of the amorphous fraction and provides
a means to investigate the stability of the crystalline frac-
tion.

Permeation of water

Although poly(lactide)s are generally considered hydro-
phobic, water is able to permeate these materials causing
hydrolytic degradation.

The transport of gases and vapors in polymers can be
described by the coefficients of sorption (S) and diffusion
(D) and permeability P"DS. Sorption and especially dif-
fusion strongly depend on the fractional free volume f,
which is much smaller for crystallites than for the amor-
phous phase. Consequently, in semi-crystalline polymers,
sorption and diffusion in the crystalline phase can be
neglected and most of the transport takes place in the
amorphous phase [19].

The qualitative relationships connecting the fractional
free volume f and the crystallinity s

#
of the polymer to the

diffusion coefficient D for liquids in polymers
(\10~9—10~6 cm2/s) are

D"D
!
(1!s

#
) ,

D
!
\D

0
exp (!1/f ) , (4)

where D
!

is the diffusion coefficient of the liquid in the
atmorphous polymer.

The equilibrium sorption of water not only depends on
fractional free volume f, but is also influenced by the
accessibility of polar groups on crystallite surfaces, which
may ‘‘react’’ with water. If for a high molecular weight
poly(lactide) the influence of hydroxyl- and carboxylic
end-groups may be neglected, then for PLA100 (s

#
"0.7)

an equilibrium water sorption of 1.5 wt% can be estimated
from group contributions [20], compared to 5 wt% for
amorphous poly(lactide). Experimentally, for PLA100 an
equilibrium water sorption of 1.8 wt% has been estab-
lished [12], which compares well with the estimation.

The sorption of small molecules into glassy polymers
frequently fails to follow the t1@2 kinetics from Fick’s
second law. Concentration against depth profiles for
this non-Fickian, case II diffusion have been studied by
Rutherford backscattering spectrometry [21] and show
a concentration front that advances into the polymer at
constant velocity. In this layer, which is uniformly swollen,
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the glass transition temperature ¹
'

is depressed below
room temperature.

However, thermal analysis of poly(lactide)s at equilib-
rium water sorption did not reveal a decrease of ¹

'
and no

plasticizing effect of water has been found during mechan-
ical testing of these samples [12]. Therefore, we may pre-
sume that non-Fickian case II diffusion does not play
a significant role in the water sorption of poly(lactide)s.

Experimental

Synthesis of L-lactide (co)polymers

D- and L-lactide (Purac Biochem BV) were recrystallized
from Sodium-dried toluene. Appropriate amounts of
monomer and catalyst (stannous octanoate, Sigma Chemi-
cal C.) were added to silanized ampoules under N

2
-atmo-

sphere [5, 6]. Ring opening polymerization was performed
under high vacuum at temperatures of 100—130 °C for 3—7
days, yielding poly(L-lactide) (100L mol%, PLA100) or
poly(D, L-lactide) (50L/50D mol%, PLA50) with high
molecular weights (5]105—2]106 g/mol).

Processing

As-pol. PLA100 was machined into disk-shaped samples
or tensile specimens for further testing. PLA50 copolymer
was purified by precipitation of a 1% (w/v) chloroform
solution into a tenfold excess of cold-stirred ethanol. After
drying under vacuum, purified PLA50 was compression-
molded at 150 °C in a hydraulic press (PHI) in stainless-
steel molds of 2—4 mm thickness.

PLA50 samples were pressure-annealed by cooling
from 65 °C to room temperature overnight in a pressurized
cylinder immersed in a thermostated bath. Pharmaceut-
ical-grade paraffin oil was used as the pressurizing medium
at 200bar.

PLA100 fiber was prepared by solution spinning of
a 7% (m/v) solution of high molecular weight PLA100
polymer in chloroform. The dried as-spun fiber, it was
hot-drawn at ¹

$3!8
" 185 °C to j" 5.6 under a nitrogen

atmosphere [22].

Characterization

Composition, monomer conversion and purity of as-pol.
and precipitated samples were measured with 200 or
300MHz 1H-NMR (Varian Gemini 200, Varian VXR 300)
in CDCl

3
. Thermal properties were measured with an

indium calibrated Perkin-Elmer DSC7. Samples (5—10 mg)

were heated at a rate of 10 °C/min over a variable scanning
range between 0 and 200 °C. Glass transition temperatures
(¹

'
) were recorded as the midpoint of the DC

1
step. Ther-

mal properties of the fibers were measured using 1 mg
samples in silicone oil. Molecular weights were determined
using SEC (Spectra Physics equipped with Polymer La-
boratories 5 km mixed-C columns, Shodek RI-71 refrac-
tometer and Viskotek H502 viscosity detector). Filtered
(0.45 km) 1—2 mg/ml solutions in a suitable solvent like
chloroform or THF were measured at 25 °C. Monodis-
perse poly(styrene) standards (Polymer Laboratories) were
used for universal calibration.

Viscosity average molecular weights M
7

were cal-
culated from the intrinsic viscosity [g] of chloroform solu-
tions using the Mark—Houwink constants [5, 6] (K"

5.45]10~4, a"0.73). Tensile properties were recorded
with an Instron tensile tester at 20 °C. For the fiber a cross-
head speed of 10 mm/min was used at gauge length of
10 mm.

SEM-images of cryogenically fractured samples were
produced with an ISI-DS-130 electron microscope after
drying and gold sputtering. SEM-imaging of PLA100 fiber
after degradation was performed with a JEOL JSM 6320F
field emission scanning electron microscope, operated at
1 kV, after drying the samples over P

2
O

5
overnight.

Hydrolytic degradation

Disk-shaped samples or rectangular tensile specimens
were degraded in flasks filled with sterile water or phos-
phate-buffered saline (pH"7.4). The flasks were immer-
sed in a water bath thermostated at 37 °C.

At predetermined intervals, samples were withdrawn
from the flasks and weighed before and after drying to
constant weight under vacuum at 40 °C. Dried degrada-
tion samples were subjected to DSC- and SEC-measure-
ments.

Hydrolytic degradation of PLA100 fiber was conduc-
ted in water at room temperature under a static load (10%
of the breaking strength, which corresponds to a 20 N
load).

Results and discussion

As-polymerized PLA100

As-pol. PLA100 was obtained by bulk or melt polymeriza-
tion of L-lactide monomer under vacuum at 110 °C in
high yields ('99%). Since PLA100 has a melting temper-
ature ¹

.
around 190 °C, during melt polymerization at

°C simultaneous growth and crystallization of the polymer
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Fig. 1 SEM images of the cryogenic fracture surfaces of (A) as-pol.
PLA100, (B) poly(L-lactide) polymerized in the presence of 20%
(w/v) toluene and (C) as-pol. PLA100 explanted from a goat after
3.2 yr

chains occurs. This results in a highly crystalline material
with a heat of fusion DH

&
"77—95 J/g, depending on the

catalyst used [23]. Indeed, as-pol. PLA100 contains large
lamellar crystallites which can be observed clearly in SEM
(Fig. 1A).

During melt polymerization of PLA100 growing poly
(L-lactide) chains crystallize onto adjacent crystallite sur-
faces. Chain mobility is then limited to free chain ends and
repetition of the polymer chains is hindered to a great
extent. Therefore, the entanglement density of as-pol.
PLA100 will be much lower compared with compression
molded PLA100 that has been allowed to cool down from
a high temperature ('¹

.
) equilibrium melt [20].

Furthermore, during polymerization shrinkage occurs,
because the density of the polymer is higher (\10%) than
that of the L-lactide melt. Additional shrinkage (\10%) is
caused by crystallization. As a result, substantial thermal
stresses develop in as-pol. PLA100 as reflected by the
occasional implosion of a polymerization ampoule. These
thermal stresses will influence the mechanical properties
and degradation behavior of as-pol. PLA100 during ap-
plication.

To visualize these thermal stresses, L-lactide was poly-
merized in the presence of 20% (w/v) toluene, which is
a good solvent for L-lactide at high temperatures, but
does not dissolve poly(L-lactide). In the poly(L-lactide)
obtained in the presence of toluene again large lamellar
crystallites are present as seen in as-pol. PLA100. How-
ever, the fracture surface presented in Fig. 1B shows
many fissures, which result from thermal stresses in the
material building up during polymerization and cooling
down.

A similar pattern of fissures was discovered after an
in vivo degradation period of 3.2 yr in the fragile remains
of as-pol. PLA100 implanted in goats (Fig. 1C). Mass loss
was limited as judged from the presence of a large amount
of debris. Also on TEM-images of as-pol. PLA100 ex-
planted after 3 yr, intra- and inter-cellular crystalline de-
bris was clearly visible as lamellae with an average
thickness of d"22 nm [14].

Before implantation, as-pol. PLA100 showed DH
&
"

76 J/g and with SAXS a long period ¸"30 nm was meas-
ured. From these data with DH0"J/g [23, 24] the crystal-
linity s

#
"76% and lamellar thickness d"s

#
]¸"

22.8 nm of as-pol. PLA100 can be calculated. This value
agrees well with the lamellar thickness observed with
TEM.

After 4 years in vivo the crystallinity of as-pol. PLA100
debris remained appreciably high with DH

&
"96 J/g and

¹
.
"184 °C [14]. Recently, as-pol. PLA100 debris with

¹
.
"172 °C was explanted from a patient after 8 yr.
From these results it may be concluded that thermal

stresses in as-pol. PLA100 lead to disintegration of the
implant, but substantial mass loss does not occur, because
the remaining crystalline lamellae are little affected by
hydrolysis.

The evolution of the tensile properties and molecular
weight (MW) during degradation of as-pol. poly(lactide)s
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Fig. 2 Molecular weight of poly(lactide)s as a function of degradation
time in vivo and in vitro at 37 °C: (f) M

V
as-pol. PLA100 [6] and

(- - -) M
V

PLA50 [27]

Fig. 3 Molecular weight of poly(lactide)s as a function of degradation
time in vivo and in vitro at 37 °C: (f) M

V
as-pol. PLA100 [6] and

(- - -) M
V

PLA50 [27]

under physiological conditions has been well documented
and was shown to depend on the amount of residual
monomer [6, 16] and sterilization method [25, 26], which
influences the initial MW.

During hydrolytic degradation, the initially high ten-
sile strength of as-pol. PLA100 was lost completely in
a period of 11 weeks [6]. This phenomenon can be ex-
plained by the low entanglement density and the typical
morphology of as-pol. PLA100 described above. Through
voids and micro-cracks generated by thermal stresses,
water easily penetrates the bulk of the material. Sub-
sequently, chain folds and tie-chains connecting crystal-
lites hydrolyze preferentially, because they are stressed due
to a ‘‘realing-in’’ force [24]. Since the amorphous phase
contains few entanglements, the material quickly loses its
integrity and mechanical properties. Additionally, hy-
drolysis of chain folds generates hydrophilic groups on the
crystallite surfaces, resulting in an increasing osmotic pres-
sure, causing further stress-cracking and facilitation of
water penetration. The remaining material mainly consists
of large lamellar crystallites which hydrolyze only very
slowly.

Further support for this view is found in Fig. 2 which
presents a compilation of MW-data vs. degradation time
for as-pol. PLA100 during in vivo and in vitro degradation
at 37 °C. For the bulk degradation of poly(lactide) copoly-
mers a log MW—t relationship has been derived [27]
which takes into account the autocatalytic effect of car-
boxylic end-groups. Figure 2 shows that initially MW of
as-pol. PLA100 decreases faster than that of amorphous
PLA50 (dashed curve in Fig. 2), but after 20 weeks the

decrease of MW for as-pol. PLA100 slows down, indicat-
ing that the remaining material is more stable towards
hydrolysis.

A similar transition between two degradation regimes
has been observed for a D, L-lactide copolymer containing
2.75 mol% D-lactide during titration degradation with
NaOH solution. The MW of the remaining material was
shown to be equal to or a multiple of the MW correspond-
ing to the fold-length of the lamellae [28, 29]. Comparable
results have been obtained in the degradation of poly
(hydroxy butyrate) [30].

To enable extrapolation to MW\100 (MW
-!#50:- 6/*5

"

72) the data in Fig. 2 have been replotted on a log—log
scale. Figure 3 suggests that total resorption of as-pol.
PLA100 takes at least 2000 weaks (40—50 years), which is
much longer than anticipated earlier [7—9].

The fate of the crystalline fraction in as-pol. PLA100
can be explored by calculation of m

#
(t)/m

#,0
from DH

&
-data

and mass loss data according to Eq. (3). For the in vivo
and in vitro degradation of as-pol. PLA100 the available
data are compiled in Fig. 4. Suprisingly, during the first
weeks of degradation a small increase of m

#
(t)/m

#,0
is

observed, which indicates that some crystallization occurs
in as-pol. PLA100. Figure 4 shows similar crystallization
for molded PLA100 (DH

&,0
"27 J/g), which was subjected

to accelerated hydrolysis in an alkali medium (0.1 N
NaOH) [31].

The crystallization in degrading PLA100 occurs at
37 °C, i.e. below ¹

'
. Similar crystallization has been ob-

served for L-lactide copolymers with D-lactide or glyco-
lide [32]. Apparently, the absorption of water, the decrease
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Fig. 4 The relative amount of crystalline material m
#
(t)/m

#,0
as

a function of degradation time at 37 °C for: (j) as-pol. PLA100 in
vivo and in vitro; (s) moulded PLA100 in 0.1N NaOH (recalculated
from Ref. [27], sample A4)

Fig. 5 SEM image of the surface of solution spun hot-drawn PLA100
fibre after hydrolytic degradation under a static load for 5.3 yr at
room temperature

of MW by hydrolysis and the resulting decrease of
¹

'
induce an increased mobility of chain fragments, allow-

ing them to crystallize. Furthermore, the large degree of
undercooling in the system is a strong driving force for
crystallization.

Figure 4 shows that after 70 weeks m
#
(t)/m

#,0
of as-pol.

PLA100 tends to decrease, indicating that the crystalline
fraction also slowly degrades, probably by etching of the
crystallite surfaces. The data for molded semi-crystalline
PLA100 (DH

&,0
"27 J/g) in Fig. 4 suggest that as-pol.

PLA100 will also resorb completely after long degradation
times, which agrees with the trend observed for MW in
Fig. 3. Unfortunately, it is impossible to estimate the in
vivo resorption time of as-pol. PLA100 from Fig. 4 by
extrapolation of the data to m

#
(t)/m

#,0
"0, because

long-term DH
&

and mass loss data are scarce or non-
existent.

Hot-drawn PLA100 fiber

The influence of morphology on the hydrolytic degrada-
tion of PLA100 was further investigated in a degradation
experiment with solution-spun hot-drawn PLA100 fiber
[22]. This fiber was placed in water at room temperature
under a static load corresponding to 10% of its maximum
strength p

.
.

PLA100 fiber (j"5.6, /"28.7 km) had initial tensile
strength p

.
"750 MPa. SEM-imaging of the surface of

hot-drawn fiber showed few flaws and no micro-pores
[33]. The SEM-image in Fig. 5 shows that after immersion
in water for 5.3 years the fiber surface is no longer smooth,

but no cracks and micro-pores are visible. Rapid failure of
the stressed PLA100 fiber was expected due to hydrolysis
and stress cracking. In a number of polymers premature
failure has been attributed to stress cracking under a static
or dynamic load [18, 34]. Surprisingly, for degradation
periods up to 64 months (5.3 yr) no break of the fiber was
observed. Only a limited reduction of the tensile strength
of the fiber was measured from p

.
"750 to 590 MPa.

After 64 months the diameter of the hot-drawn PLA100
fiber had decreased to /"25.9 km, corresponding to a
reduction in diameter of \10%. Extrapolation to /"0
yields an estimation of a total degradation time of 50 yr,
which agrees well with the extrapolation for as-pol.
PLA100 (40—50 yr, see Fig. 3).

The extreme stability towards hydrolysis and stress
cracking of hot-drawn PLA100 fiber can be explained by
the morphology obtained after orientation at elevated
temperatures. By the hot-drawing process hydrolytically
sensitive chain folds have been removed. Furthermore,
SAXS analysis [35] has established that micro-voids can
be eliminated from solution-spun PLA100 fibers by draw-
ing to an optimum drawing ratio (j\8). The high per-
fection of the fiber combined with its high crystallinity
probably results in an very small fractional free volume
[19] which renders oriented PLA100 fiber virtually impene-
trable to water. Hence, stress-cracking by build-up of os-
motic pressure in the bulk which caused fragmentation
in as-pol. PLA100 is prevented in oriented PLA100
fiber. Hydrolysis is restricted to crystallite surfaces facing
the outside of the fiber, which proceeds at a similar rate as
with the lamellar crystallites in debris from as-pol.
PLA100.
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Contrary to the bulk degradation observed for as-pol.
PLA100, the hot-drawn PLA100 fiber now degrades by
surface erosion accompanied by a very slow decrease of its
diameter and mechanical properties.

General

The exceptional hydrolytic stability of its crystalline phase,
indicates that highly crystalline L-lactide compositions are
not suitable for use in degradable biomedical devices.
Therefore, at the expense of a reduction of stiffness and
strength, amorphous lactide-based materials have been
developed.

By molding and ‘‘orientrusion’’ [36, 37] of crystalliza-
ble poly(lactide) compositions poly(lactide)s with reduced
crystallinity have been obtained. However, as indicated
earlier in this study, some crystallinity might develop in
these quenched materials during degradation. Although
no disturbing problems have yet manifested themselves in
certain clinical applications [38—41], crystallization may
compromise the long-term biocompatability of these ma-
terials.

Copolymerization of L-lactide with D-lactide, glyco-
lide, e-caprolactone and trimethylene carbonate has yiel-
ded non-crystallizable materials with a broad spectrum of
initial properties and hydrolytic bulk degradation patterns
[42—50].

Absorption of water in the bulk could be suppressed if
thermal stresses and micro-voids were eliminated, e.g. by
annealing under high pressure [51]. Pressure-annealing
(200 bar, paraffin oil) of PLA50 resulted in an increased
density o"1.260 compared with 1.251 for conventionally
molded PLA50. Such pressure-annealed, fully enthalpy-
relaxed materials, free of voids and residual stresses should
possess a low sensitivity towards water-treeing, possibly
shifting the degradation pattern from bulk to surface ero-
sion.

During the in vitro degradation of amorphous PLA50
extremely small amounts of crystalline residue have been
found, originating from low MW isotactic sequences or
generated by stereo-complex formation [52, 53]. It

remains to be investigated whether this debris will induce
long-term clinical complications.

Conclusions

The results of the present study clearly indicate that the
morphology obtained from the melt polymerization of
semi-crystalline as-pol. PLA100 has a significant influence
on the course of its hydrolytic bulk degradation. The
generation of micro-cracks by residual thermal stresses
and an increasing osmotic pressure facilitate water absorp-
tion and cause a rapid loss of tensile properties and a fast
initial decrease of molecular weight.

During degradation at temperatures below ¹
'
crystal-

lization was observed, which may be caused by an in-
creased mobility of the polymer chains due to a decrease in
molecular weight and ¹

'
.

After many years a highly crystalline debris remains,
which is very stable towards hydrolysis. By extrapolation
of molecular weight data the resorption time of as-pol.
PLA100 in vivo was estimated at 40—50 yr.

The morphology of poly(L-lactide) could be altered
dramatically by hot-drawing of solution-spun fiber. After
more than five years the oriented fiber had retained more
than 75% of its initial tensile strength, indicating extreme
hydrolytic stability. Surprisingly, under a static load no
stress-cracking of the fiber was observed. SAXS-analysis
suggested that by hot-drawing micro-voids are eliminated,
which makes the fiber impenetrable to water. Further-
more, orientation reduces the number of hydrolytically
sensitive chain folds. This highly perfect highly crystalline
morphology induces the fiber to degrade through surface
erosion as indicated by a small decrease of its diameter.

Possibly, orientation or high-pressure annealing could
also eliminate voids and thermal stresses from amorphous
poly(lactide). It remains to be investigated whether this
leads to amorphous poly(lactide) materials which degrade
by surface erosion.

In view of the hydrolytic stability of the crystalline
residue for application in degradable biomedical devices
non-crystallizable L-lactide copolymers are preferred.
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